Hydride-induced embrittlement is an important problem in hydride-forming materials. In this paper, a model is built for analysing a hydrideinduced degradation process of the mechanical properties of zirconium alloys. A time-dependent criterion is proposed for determining the critical conditions of complete ductile-to-brittle transition. The dependence of this criterion on microstructure of Zr alloys is analysed in detail. The results show that many factors simultaneously govern the hydrideinduced degradation. These factors include the susceptibility of hydrides to rupture, hydride size, hydride distribution, active slip systems, zirconium grain orientation, grain-boundary structure, grainboundary density, hydrogen concentration, applied stress state and temperature. Intergranular hydrides have a more important influence on the loss in ductility than intragranular ones. The results obtained in this paper are of particular interest for zirconium alloys used in nuclear application.
Introduction
Hydride-related degradation of mechanical properties is an important topic in all hydride-forming materials, such as zirconium (Zr), titanium (Ti), niobium (Nb), vanadium (V) and their alloys. Among these materials, Zr alloys have attracted special attention because of their application in the nuclear industry as cladding and structural materials. High-temperature corrosion of Zr alloys in water or steam during service in a nuclear reactor can produce hydrogen. Zr alloys suffer hydrogen damage mainly by hydride precipitation. Hydride formation causes a drastic decrease in ductility owing to the intrinsic brittleness of hydrides [1, 2] . There is a complete ductile-to-brittle transition when the amount of hydrides in Zr alloys reaches a certain level [3, 4] . An in-depth study on this transition is therefore not only of scientific interest but also of importance for industrial applications of Zr alloys because it is related to the shortening of the life of structural components.
Until now, the understanding of the influence of microstructure on hydride-induced embrittlement is still limited, though some research has been conducted in recent decades [3] [4] [5] . Hydrides in Zr have three crystal structures: γ -hydride (ZrH) with a face-centred tetragonal (fct) structure, δ-hydride (ZrH 1.66 ) with a face-centred cubic (fcc) structure and ε-hydride (ZrH 2 ) with an fct structure [6] . Because the δ-phase is much more common than the γ -and ε-phases under nuclear reactor operating conditions, the δ-phase is the main subject of concern. Many studies have found that δ-hydride is preferentially formed on certain crystallographic planes of α-Zr, though the observation of the hydride habit plane in Zr and its alloys reveals that this issue is complicated. The different hydride habit planes on the Zr matrix have been reported, such as the prismatic plane of {1010} [7] , the twinning plane of {1012}, {1121} and {1122} [8] , the pyramidal plane of {1011} [9] , the basal plane of (0001) [9] [10] [11] and the near-basal plane {1017} (14 • from the basal plane) [12] . Many experiments have shown that the hydrides precipitating in a strongly textured Zr alloy tend to align themselves and form an interlinked configuration [13] [14] [15] . Such a configuration is deleterious to the application of Zr alloys, because a small amount of hydrides precipitating in this way provides a continuous path for easy crack propagation, and can cause a full fracture of the material under load. For analysis of the aligned hydride-induced embrittlement, Chan [5] proposed an oversimplified fracture model by assuming that there are the same and well-aligned spheroidal or plate-like hydrides in the hydrided Zr alloys, and all hydrides break at the same time under applied tensile load, as a result of which an array of microcracks forms in the Zr matrix. Obviously, such an assumption is not completely reasonable. The work of Qin et al. [16] shows that the critical condition for hydride rupture is a combined effect of applied stress, plastic strain of the Zr matrix and hydride size. The aligned hydrides in a network configuration have different sizes and precipitate at different sites (intragranular or intergranular) [13] [14] [15] . The formation of microcracks is mainly attributed to the rupture of the large hydrides and/or the intergranular hydrides, owing to the larger stress concentration at these sites, and the small hydrides and/or the intragranular hydrides may retain their integrity [16] [17] [18] .
In general, both intergranular and intragranular hydrides are observed in the hydrided Zr alloys. The role that intergranular and intragranular hydrides, respectively, play in the failure of Zr alloys is still not fully explored, though some experiments have implied that the intergranular hydrides may result in a greater degradation of ductility [4, [17] [18] [19] [20] [21] . The site of hydride precipitation, to a large extent, depends on the microstructure of Zr alloys [10, 16] . That is to say, microstructure controls hydride-induced degradation of Zr alloys. Until now, no theoretical model has been proposed for analysing the microstructure dependence of hydride-induced loss of ductility. This makes it difficult to predict and further improve the properties of Zr alloys. To address this problem, a microstructure model is built in this paper. Based on this model, a criterion is derived to estimate the critical conditions at which a complete ductile-to-brittle transition occurs.
Ductile-to-brittle transition in hydrided Zr alloys (a) Modelling of the ductility degradation of hydrided Zr alloys
Fractographic studies of fracture surfaces in the hydride-free zone of Zr alloys show the typical characteristics of ductile fracture [21, 22] . This illustrates that, although the cracks start from the brittle hydrides in the hydrided Zr alloys, the fracture of the Zr matrix is still governed by a ductile fracture criterion, in which the fracture starts when the local strain reaches a critical fracture Figure 1 . Illustration of the model of local fracture in Zr alloys containing well-aligned hydrides (n i = 6).
strain. In this paper, it is assumed that, under applied tensile load, elastic-plastic deformation occurs in the ligament connecting the two neighbouring microcracks produced by the rupture of large hydrides and/or intergranular hydrides, and the small (and/or intragranular) unbroken hydrides in the ligament retain their shapes, as schematically depicted in figure 1. Applied stressinduced strain concentration can cause deformation incompatibility between the Zr matrix and the unbroken hydrides in the ligament. As a result, geometrically necessary dislocations will be produced to compensate for this discrepancy, as described by Ashby [23] . When the density of the dislocations is high enough, the microscopic plastic strain of ligaments and the crack-opening displacement reach their critical values, and fracture occurs in the ligament. The full-scale failure process of the hydrided Zr alloys under tensile load may therefore be simply assumed as three steps: some large hydrides and/or intergranular hydrides first break and form microcracks, then geometrically necessary dislocations generate in the matrix ligament, and finally the fracture of the ligament occurs when the local strain reaches a critical value. Based on this assumption, the hydride-induced degradation process of Zr alloys may be modelled.
Under applied tensile load, the elastic-plastic strain field is induced ahead of the tips of microcracks produced by the hydride rupture. For the well-aligned hydride configuration, there is an overlapping of the strain fields, as shown in figure 1 . Based on the Hutchinson-Rice-Rosengren (HRR) theory of elastic-plastic stress fields [24] [25] [26] , the macrostrain to fracture materials (ε p,c ) can be expressed using the concept of microplastic strain (ε c ) [27] 
whereε n (θ ) is the effective value for the normalized coefficient, I and h are functions of the strain-hardening exponent (n), λ and M are, respectively, the interspacing and the size of the microcracks, as shown in figure 1 . ε c is the critical local strain at the middle of the ligament connecting the two most neighbouring microcracks. This is the minimum strain needed for inducing the microcracks coalescing to instability. exerted on the matrix bonded with unbroken hydrides. Assuming that unbroken hydrides are completely rigid (i.e. non-deforming), the ρ lig is proportional to ε G and inversely proportional to the interspacing of unbroken hydrides (λ lig ) in the ligament [23] 
where K is a correlation constant depending on the material and precipitate shape. When ρ lig is accumulated up to a limit (ρ c lig ), the microscopic strain (ε G ) reaches the critical value (ε c ) and fracture in the ligament occurs [23, 27] . Because the mechanical behaviour of Zr alloys is close to that of elastic-perfectly plastic materials, Puls [28] suggested n = 100. The approximation of n/(1 + n) → 1 is therefore acceptable. Combining equations (2.1) and (2.2), we have
Here, ρ c lig is dependent on the nature of the material and may be taken as a constant [29] : ρ c lig = (τ m /αμb) 2 , where τ m is the intrinsic shear strength of the matrix, μ is the shear modulus of the matrix, b is Burgers vector of the matrix and α is a correlation constant. Equation (2.3) shows that the tensile ductility of the hydrided Zr alloys (ε p,c ) is dependent on the interspacing of unbroken hydrides in the ligament (λ lig ). The ductility decreases with the reduction of λ lig , meaning that the increase in the amount of the precipitated hydrides or hydride growth can reduce the ductility of Zr alloys. Figure 1 indicates that λ lig is related to the interspacing of the two adjacent microcracks (λ), the unbroken hydride size (a i ) and the number of hydrides (n i ) in the ligament
The combination of equations (2.3) and (2.4) leads to [30] , the fracture toughness (K IC ) may be expressed as
where C is a constant, E is the Young modulus, σ ys is the yield strength, υ is the Poisson ratio and ε * c is a critical strain that is proportional to ε p,c by a factor F [31, 32] . Combining equations (2.5) and (2.6), we have
with B = (nτ m /αμb) FCEσ ys I/0.405Kπ hε n (θ )(1 − υ 2 ). The hydride-induced degradation process of Zr alloys may be analysed by equations (2.5) and (2.7). These two equations show that a complete ductile-to-brittle transition occurs (ε p,c or K IC → 0) when λ lig → 0. This means that the precipitation of hydrides leads to a complete brittleness of Zr alloys if they form a fully interlinked configuration. Metallographic and fractographic studies carried on the hydrided Zircaloy-4 have offered direct experimental evidence supporting this conclusion [3, 4] . 
(c) Degradation of fracture toughness with hydriding time
The ductility of Zr alloys is exhausted when a sufficient amount of hydrides precipitates in Zr alloys (i.e. the Zr alloys serve in a hydriding environment for a sufficiently long time). To quantitatively analyse the time dependence of K IC , an equation for describing the rate of increase of a i during coarsening is required. Unfortunately, a theoretical description of such a dependence for δ-hydrides is still lacking. Boyd & Nicholson [33] have developed an expression for the coarsening of disc-shaped particles. Because δ-hydrides may be approximated as disc-shaped particles [34, 35] , some researchers used this equation to estimate the coarsening of δ-hydrides with time ( t) [35, 36] 
where a 0 is the initial hydride plate size, D is the diffusivity of solute (hydrogen atoms), γ αδ and γ c αδ , respectively, are the disordered interfacial energy and the coherent interfacial energy between the hydride and Zr matrix, C s H is the solubility of hydrogen in the unstressed matrix, R is the molar gas constant, T is the temperature andῡ hyd is the molar volume of hydrides of composition ZrH x , with x = 1.66 for the δ phase. In general, a i a 0 . Combining equations (2.7) and (2.8), we approximately have
For a quantitative analysis, we takeῡ hyd = 16.3 × 10 −6 m 3 mol [38] and C s H = 3.39 × 10 4 exp(−27291/RT)(ppm) [39] . The theoretically calculated dependences of K IC on t at 473 K are depicted in figure 2. It is seen that K IC decreases only slightly at the initial stage of hydriding and then abruptly drops to zero when the hydriding time reaches a certain threshold. This means that K IC does not change significantly when hydrides do not form a highly continuous interlinked configuration; however, when a highly continuous configuration forms, K IC abruptly drops. This is to say, the complete ductile-to-brittle transition in hydrided Zr alloys corresponds to the appearance of a hydride network with a high degree of continuity, consistent with the experimental observation of Bai et al. [3, 4] . Figure 3 shows the calculated results at 573 K. It can be seen that the time threshold for the abrupt drop of K IC decreases with increasing temperature. The reason for this is that hydrides have a higher growth rate at an elevated temperature and consequently the fully interlinked hydride configuration is easier to form. Here, it needs to be pointed out that the calculations given in figures 2 and 3 are based on an assumption that the hydrogen concentration in Zr alloys is always larger than the solubility of hydride precipitation. According to Une & Ishimoto [39] , the solubility of hydride precipitation is 32.7 ppm at T = 473 K and 109.9 ppm at T = 573 K. When the hydrogen concentration is in the range of 32.7-109.9 ppm and the hydriding temperature increases from 473 to 573 K, some of the hydrides will dissolve and change back to Zr and hydrogen, because the hydrogen concentration at 573 K is lower than the solid solubility of hydride precipitation. As a result, n i decreases and λ increases, and the time threshold for the abrupt drop of K IC goes up.
(d) Critical conditions of a complete ductile-to-brittle transition Equation (2.9) implies that K IC = 0 (i.e. a complete ductile-to-brittle transition occurs) when the hydriding time exceeds a critical value ( t c ). t c is given by that is,
where H is dependent on the intrinsic properties of the Zr alloys and the hydriding environment. Equation (2.10a) may be taken as a criterion for determining the critical conditions of complete ductile-to-brittle transition. Based on equation (2.10b), the theoretical estimation of t c of hydrogenated Zr alloys is shown in figure 4 . It can be seen that the parameter of (λ − M)/n i is vital for t c . When (λ − M)/n i → 0, i.e. hydrides form a highly continuous interlinked configuration, the t c substantially decreases. The increase in the temperature makes such an effect more significant. λ, n i and M depend on the susceptibility of the hydride to rupture, the hydride nucleation rate and the hydride size, respectively, and are microstructure-related parameters. means that the influences of microstructure on λ, n i and M govern hydride-induced degradation in Zr alloys.
Factors affecting λ (a) Slip systems
The interspacing of microcracks (λ) is related to the susceptibility of hydrides to rupture. The studies show that hydrides precipitating in a Zr matrix start to break only when the plastic strain of the Zr matrix reaches a certain value [13, 18, 40] . A certain plastic deformation of the Zr matrix appears to be a prerequisite for the fracture of hydrides. The load is transferred from the Zr matrix to the hydrides through plastic deformation of the matrix. This means that plastic strain is an important factor in controlling the initiation of fracture in hydrided Zr alloys. It is known that strain inhomogeneity between the matrix and the inclusion in the process of plastic deformation can produce an internal stress (σ I ) that is imposed on inclusions. For the hydrides in the Zr matrix, we have σ I = ΘE p ε [18, 41] , where Θ is a constant, E p is the plastic equivalence of the Young modulus of the Zr matrix, and ε = ε Zr − ε hyr with ε Zr and ε hyr being the strains of the Zr matrix and hydrides, respectively. The strain (ε) is related to slip systems and time (t) [42] 
where Γ yield is the yield shear stress, Γ and Γ a are the resolved shear stress in the slip system and the Peierls stress, respectively, F 0 is the activation energy required for a dislocation to move past the discrete obstacles, and Π , p and s are the constants. The exponent part in equation (3.1), i.e. exp{. . .}, is the most important term in determining the amount of ε. F 0 and Γ a depend on the intrinsic properties of materials. The resolved shear stress (Γ ) that triggers the movement of dislocations is related to the activated slip system, and the direction of applied stress, which may be described by Schmid's law, Γ = (cos φ)(cos ι)σ zz , where σ zz is the applied uniaxial stress, φ is the angle between the slip plane normal and the tensile axis, and ι is the angle between the slip direction and the axis. Experiments show that there are many crystallographic orientation relationships between the Zr matrix and the precipitated δ-hydrides [7, [9] [10] [11] . Among the reported results, the relationship of (0001) [9] [10] [11] [12] . For fcc-structured materials (δ-hydride), the slip system is usually {111} 110 [43] . For Zr single crystals and Zr polycrystalline alloys, the {1010} 1120 prismatic system is reported to be the main slip mode [44] , and the (0001) 1120 basal system and {1011} 1120 and {1011} 2 113 pyramidal systems are presented as secondary slip modes [44] [45] [46] [47] . Generally speaking, the crystallographic directions of the easiest dislocation slip in hexagonal close-packed (hcp) and fcc crystals are 1120 and 110 , respectively This means that, when the secondary slip modes of α-Zr, especially (0001) 1120 , are active, the slip systems of the Zr matrix are coincident (or nearly coincident) with those of the embedded hydrides, as illustrated in figure 5 . In this case, the mobile dislocations are likely to go through the hydrides from the Zr matrix, i.e. hydrides, to some extent, can deform together with the Zr matrix. In situ scanning electron microscopy (SEM) observation of hydrided Zircaloy-4 has given direct evidence supporting this conclusion [17] . When hydrides can deform together with the Zr matrix, the value of ε lowers, and the internal stress imposed on the hydride, produced by the strain inhomogeneity between the Zr matrix and the hydrides, will decrease. As a result, the susceptibility of the hydride to rupture becomes less, and the interspacing of broken hydrides (i.e. microcracks) (λ) will increase. In addition, some studies have found that, in the process of hydride growth, microscopic platelets with a (0001) α-Zr //{111} δ-ZrH1.66 orientation relationship might form the macroscopic stacking configuration along a plane that deviates from the (0001) basal plane [48] . As a result, the microcracks formed in microscopic platelets will propagate along the stacking direction. Furthermore, it needs to be pointed out that, besides the strain inhomogeneity between the matrix and hydride, the volume expansion owing to the precipitation of plateshaped δ-hydrides can also produce a stress. This is a normal compressive stress exerting on the plate face of hydrides. It may suppress the rupture of hydrides and increase the interspacing of broken hydrides. 
(b) Deformability of hydrides
The deformability of hydrides may affect the density of the geometrically necessary dislocations produced by inhomogeneous deformation around the unbroken hydrides in the ligament. Equation (2.2) is based on the assumption that unbroken hydrides in the ligament are completely non-deforming. However, when part of the dislocations formed in the Zr matrix can slip through the hydrides in the process of deformation, the density of geometrically necessary dislocations accumulated around the unbroken hydrides will decrease. To offset this part of the slip-passed dislocations, more dislocations need to be introduced so that the critical value (ρ c lig ) can be reached for causing fracture of the ligament. The critical geometrically necessary dislocation density for the fracture of the ligament (ρ c d,lig ) may therefore be written as ρ c d,lig − ρ s = ρ c lig , where ρ s is the density of dislocations moving through the hydrides. Equation (2.3) therefore may be modified as
This modification means that fracture toughness will increase when the secondary slip modes of α-Zr, especially (0001) 1120 , are activated. Experiments show that the basal slip in Zr or its alloys is more likely at an elevated temperature [47, 49] . The increase in the temperature can therefore enhance hydride-related fracture toughness of Zr alloys, which is in agreement with experimental observations [48] .
(c) Grain boundaries
For intergranular hydrides, recent electron backscatter diffraction studies and a thermodynamic model [10] show that the crystallographic relationship of (0001) α-Zr //{111} δ-ZrH1.66 is still valid, but only exists between hydrides and one of the bounding Zr grains. Owing to the different crystallographic orientations of two adjacent Zr grains, even if the slip system of an intergranular hydride coincides with the slip system in one neighbour grain, it cannot generally coincide with that in the other. In the process of plastic deformation of the Zr matrix, intergranular hydrides are likely to suffer higher strain incompatibilities, which may produce higher stress and lead to hydride rupture more easily. In situ SEM tensile observation has confirmed this conclusion [17] . This indicates that, if intergranular precipitation of hydrides is dominant, the interspacing of broken hydrides (λ) will decrease and consequently fracture toughness will decrease and service life will be shortened accordingly, as indicated in figures 2 and 3. Experimentally, Kreyns et al. [19] found that the fracture toughness of Zircaloy-4 with the intergranular hydride morphology has lower toughness than that with the intragranular one. A similar result was also obtained by Simpson & Chow [20] . These experimental facts agree with the present theoretical prediction. Figures 2 and 3 show that the increased number of hydrides (n i ) in the ligament between microcracks is deleterious to fracture toughness. n i is decided by the hydride nucleation rate (J * ). According to classic nucleation theory [50] , we have
Factors affecting n i and M
where Z is the Zeldovich non-equilibrium factor, β * is the rate of single solute atoms being added to the nucleus, N is the number of nucleation sites, G * is the critical nucleation energy of the hydride nuclei and k is the Boltzmann constant. Qin et al. [10, 16] have confirmed that the G * of intergranular and intragranular hydrides is different, and applied tensile stress can change the G * and affect nucleation rate. 
(a) Without applied stress
According to Puls [35] and Qin et al. [10] , G * is written as Taking the values of γ αδ and γ c αδ as being the same as those in §2c, the critical nucleation energies for the intergranular and intragranular hydrides may be calculated using equation (4.2) and is given in figure 6a. It can be seen that the critical nucleation energy of the intergranular hydrides decreases with increasing GB energy. When γ aa > 0.48 J m −2 for case (a) and γ aa > 0.16 J m −2 for case (b), the critical nucleation energy of the intergranular hydrides is smaller than that of the intragranular ones, meaning that the GB precipitation of hydrides is dominant for high-energy GBs. Moreover, figure 6a shows that, for a given γ αα , the critical nucleation energy of hydride formation in the form of case (c) is always smallest. This means that for intergranular nucleation the coherent structure of the interface between plate faces of the nucleus and crystallographic planes of the Zr grains can substantially reduce the critical nucleation energy. The coherent structure is more likely to form for the crystallographic relationship of (0001) α-Zr //{111} δ-ZrH1.66 because of the optimum lattice matching at the interface between the (0001) α-Zr plane and the {111} δ-ZrH1.66 plane [55] . The hydrides therefore energetically prefer the high-energy GBs lying on the basal plane of bounding Zr grains. The GB in case (c) in figure 6a is a mirror-symmetric structure with respect to the habit plane (i.e. twin structure). Therefore, the appearance of the (0001) basal twin boundary in α-Zr makes it more likely that the plate faces of the intergranular hydrides are coherent with the (0001) basal planes of the two adjacent Zr grains. As a result, G * substantially decreases and the hydride nucleation rate increases. If Zr alloys have a high density of the high-energy GBs lying on the basal plane of 6 . Changes in the critical nucleation energy (a) and growth rate (b) of δ-hydrides with GB energy show that they have a lower critical nucleation energy (i.e. a higher nucleation rate) and larger size when hydrides precipitate at high-energy GBs and form a coherent structure with the Zr matrix.
bounding Zr grains, the intergranular precipitation will be dominant, and the sensitivity of Zr alloys to hydrogen embrittlement will become pronounced. Hydride growth creates a hydrogen concentration gradient in the region near the hydrides, in which the bulk concentration is always larger than that near the hydrides. This concentration gradient is the driving force for diffusion of hydrogen to the hydrides, and subsequent hydride growth. Equation (2.8) shows that the growth rate of hydrides is a function of the diffusivity of hydrogen atoms. Borisov et al. [56] proposed a formula to relate the D to γ αα :
where D inter and D intra are the solute diffusivities at the GBs and in the grains, respectively, m is the number of atomic layers forming the boundary, r 0 is the nearest interatomic distance, ρ is the GB width, and j and β are constants. Assuming ρ = mr 0 and m, j and β to be 1, 1 and 2 [56] and combining equation (2.8) , the ratio of the size of intergranular hydrides (a inter ) to that of intragranular ones (a intra ) at the same growth time may be estimated by a inter /a intra = exp(2r 2 0 γ αα /3kT). Taking r 0 = 0.3231 nm [10] , the calculated result is shown in figure 6b . It is seen that the growth rate of intergranular hydrides is related to the GB energy, and the size of intergranular hydrides is always larger than that of intragranular hydrides, especially when hydrides precipitate at the high-energy GBs. The analyses given in §3 have shown that intergranular hydrides and/or large-sized hydrides are easier to break than the intragranular hydrides and/or small-sized hydrides. Therefore, when Zr alloys have a high density of high-energy GBs, n i and M increase and λ decreases, as a result of which hydrideinduced degradation of Zr alloys will become more obvious. This conclusion is in agreement with experimental observations of stress-relieved and recrystallized Zr alloys, in which the hydride-induced ductile-to-brittle transition was found to occur more easily in recrystallized Zr specimens than that in stress-relieved ones [3, 4] . The reason for this might be due to the fact that recrystallization may increase the fraction of high-energy boundaries, whereas stress relief has the reverse effect. The increased fraction of high-energy boundaries leads to a higher probability of hydride precipitation at the GBs. Experiments have found that the intergranular hydrides are more frequently observed in the recrystallized Zr alloys than those in the stress-relieved ones [4, 57, 58] . In addition, it is known that the GB with a high Σ value of the coincident site lattice (CSL) generally has a higher energy than one with low Σ. The work of Mani Krishna et al. [59] shows that the CSL boundaries with smaller Σ values have higher resistance to hydride formation. Moreover, they found that the GBs surrounded by elastically harder grains can restrain the precipitation of intergranular hydrides. Furthermore, the high density of GBs can increase intergranular nucleation sites. Experiments have also found that β-treated Zr alloys are much more sensitive to hydrogen embrittlement than stress-relieved and recrystallized states [3] . This may be attributed to much higher GB density in the β-treated state.
(b) Under applied stress
According to Puls [35] and Qin et al. [10, 16] , under applied tensile stress, G * may be written as
where σ a is the applied tensile stress, ϕ is the angle between the applied stress axis and the normal to the hydride plate (see the inset in figure 7) , andῡ H is the molar volume of hydrogen in Zr. Equation (4.3) shows that G * is related to the amount of applied stress and the stress direction with respect to the hydride. Takingῡ H = 1.67 × 10 −6 m 3 mol −1 [28] , the changes of G * with σ a and ϕ may be calculated and are given in figure 7 . It can be seen that G * decreases with increasing applied tensile stress. When ϕ = 0 • , this effect reaches maximum. That is to say, when the applied stress axis is perpendicular to the hydride plate, the stress may help hydride nucleation to the largest degree. As a result, the hydride nucleation rate substantially increases. the alloys are hydrided under applied tensile stress, especially for hydride platelets that are oriented along the direction perpendicular to the stress axis. On the other hand, the analyses in §4a show that hydride formation on the (0001) basal plane of Zr alloys is energetically favourable. The hydride nucleation rate is therefore simultaneously controlled by applied stress and the crystallographic direction of Zr grains. The hydride-induced degradation of Zr alloys is a combined effect of applied stress and crystallographic texture of Zr alloys. When the applied tensile stress axis is parallel to the normal to the (0001) basal plane of Zr alloys, both the stress and crystallographic texture of the Zr matrix are most favourable for hydride precipitation. In this case, the formation of an interlinked hydride configuration is most probable along the direction of alignment of the basal plane of Zr alloys. As a result, the fracture toughness will substantially decrease along this direction. In general, Zr alloys that are used as tubular cladding for nuclear fuel serve in an environment with hoop stress in the reactors. If Zr tubes have a radial basal pole texture, the hoop stress axis is perpendicular to the normal to the (0001) basal plane of Zr. In such a situation, it is difficult for hydrides to form an interlinked configuration and hydride-induced degradation decreases. Therefore, strengthening the radial basal pole texture of the tubes could improve the radial fracture toughness and prolong the service life of Zr tubes. The present analyses indicate that the intergranular hydrides have a more important influence on the loss in ductility. Reactor shutdowns cause hydride precipitation. The cooling rate can affect the stability of the hydride phases. It is known that the metastable γ-hydride phase is preferentially produced during fast cooling, whereas slow cooling promotes δ-hydride formation [48] . Therefore, the slow cooling during reactor shutdowns makes the precipitation of the δ phase more likely. The sites of δ-hydride precipitation (inside the Zr grain or at the GBs), to a large extent, depend on the GB structure and distribution [10, 16] . The heat treatment can alter these microstructures and therefore affect hydride precipitation sites during reactor shutdown. Also, the present theoretical works show that applied tensile stress can affect hydride precipitation in Zr alloys. This means that the hydride-related fracture toughness of Zr alloys is different when alloys are hydrided in the environment with or without applied stress. Zr alloys used as fuel cladding in nuclear reactors usually serve in an environment with hoop stress. The difference in hydride precipitation behaviour with or without applied load and its influence on fracture therefore needs to be carefully considered. Ignoring such an effect could result in a considerable error in predictions of safety of Zr alloys in nuclear reactors. In addition, it needs to be pointed out that the mechanism of hydride-induced degradation presented in this paper is different from that of delayed hydride cracking (DHC) proposed by Puls et al. [48] . DHC is one of the localized forms of hydride embrittlement caused by repeated hydride precipitation and cleavage at the front of a growing crack. A necessary condition for DHC is that the stress at the crack tip is large enough to fracture the new hydride formed ahead of the tip, and the formed microcrack is able to link up immediately with the main crack as soon as it is formed. The present model suggests that microcracks firstly form in a well-aligned hydride configuration owing to the rupture of some large hydrides and/or intergranular hydrides, then the deformation incompatibility between the Zr matrix and the unbroken hydrides in the ligament creates geometrically necessary dislocations, and finally the ligament breaks when the local strain reaches a critical value. A necessary condition for this model is that the hydrides precipitated in Zr alloys can align themselves and form an interlinked configuration. Because the interlinked hydride configuration is frequently found in the strongly textured Zr alloys, the present model may be taken as a supplement to the mechanisms of hydride embrittlement in Zr alloys.
Conclusion
The hydride-induced degradation of ductility of Zr alloys and its dependence on microstructure are theoretically analysed. The main conclusions are place in three steps. First, microcracks form owing to breaking of large hydrides and/or intergranular hydrides, then geometrically necessary dislocations generate around the unbroken hydrides, and finally fracture of the ligament occurs when the local strain reaches a critical value. (2) Fracture toughness and critical conditions of complete ductile-to-brittle transition depend on the microstructure of the hydrided Zr alloys. Many complicated factors govern the hydride-induced degradation of ductility. These factors include susceptibility of the hydride to rupture, the hydride size, hydride distribution, active slip systems, applied stress state, Zr grain orientation, GB structure, GB density, hydrogen concentration and the hydriding temperature. A criterion is proposed for analysing the critical conditions of complete ductile-to-brittle transition. (3) If Zr alloys serve in an environment in which the secondary slip modes, especially (0001) 1120 , are activated, part of the geometrically necessary dislocations produced by inhomogeneous deformation between the hydrides and the Zr matrix could move through the hydrides and as a result the susceptibility of the hydride to rupture decreases, the interspacing of the two adjacent microcracks increases and the fracture toughness and the service life will increase. (4) Because the hydrides prefer to form at a high-energy boundary and the intergranular hydrides break more easily than the intragranular ones, Zr alloys that contain a high density of high-energy GBs have a lower hydride-related fracture toughness and a shorter service life. The hydride-induced loss of ductility in Zr alloys may be improved by increasing the fraction of low-energy GBs. (5) The hydride-related fracture toughness of Zr alloys that are hydrided under applied tensile load is different from those that are hydrided that without load. The hydride-induced degradation of Zr alloys is a combined effect of applied stress and crystallographic texture. Such an effect is most apparent when the applied tensile stress axis is parallel to the normal to the (0001) basal plane of Zr alloys. Controlling the stress direction and crystallographic texture of the Zr matrix can change the hydride-related fracture toughness and service life of Zr alloys. (6) The hydride-induced degradation mechanism presented in this paper is different from the DHC mechanism. A necessary condition for the present model is that the hydrides precipitated in Zr alloys can form the well-aligned configuration.
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